Introduction
Stellite 6, which has a nominal wt % composition of Co-28Cr-4.5W-1C, is one of the most widely used cobalt-based alloys for industrial applications. This cobalt-based alloy 2 is generally used in power generation, marine, automotive, aerospace, and oil and gas industries to provide wear resistant components particularly in lubrication-starved, high temperature, or corrosive environments. Despite the wide ranging use of this alloy, there are limited investigations in published literature that compare the tribomechanical behavior of this particular alloy produced by two different manufacturing processes of hot isostatic pressing ͑HIPing͒ and casting. These changes in manufacturing processes dictate the structureproperty relationships, and hence their tribological behavior. While industrial demands push the use of these alloys to higher stress applications, changes in manufacturing processes can be adapted to produce alloys that can deliver the required tribological performance.
Benefiting from the fcc to hcp phase transformation of cobalt, the solid solution strengthening by tungsten, and the formation of hard Cr/W-rich carbides; this alloy has a high strength and an excellent resistance to abrasive/sliding wear, galling, and highangle erosion. This alloy is generally used in impact and fatigue resistance applications such as valve seat and gate, pump shaft and bearing, erosion shield, and rolling couples ͓1͔. The structureproperty relationships of the cast CoCr28W alloy has been a topic of research for a number of investigations ͓1-5͔. The cast alloy exhibits a hypoeutectic microstructure with the primary fcc Corich dendrites surrounded by Cr-rich M 7 C 3 ͑M = metal͒ eutectic carbides. With the addition of molybdenum, silicon or yttrium, M 23 C 6 carbides could also be formed ͓6-8͔. The influence of the content and morphology of the carbide on the abrasive wear of cobalt-based alloys were also a topic of research in published literature ͓9-15͔. Various wear mechanisms during sliding wear tests, e.g., carbide fracture, carbide pullout, and ploughing on the matrix were previously reported ͓16-19͔. However, investigations relating to the tribomechanical comparison of cast and HIPed Stellite 6 alloys are very limited in published literature ͓20,21͔.
A recent investigation by the authors on the influence of manufacturing processes on the tribomechanical and structure-property relationships of Stellite 20 alloys indicated that the underlying tribological failures were governed by the changes in carbide content and morphology ͓20͔. However, Stellite 20 ͑wt % composition of Co-33Cr-17.5W-2.5C͒ has a much higher carbon and tungsten content in comparison to the Stellite 6 alloy, which significantly promotes carbide formation in the Stellite 20 alloy, and results in a hypereutectic microstructure. Due to the relatively lower carbon and tungsten content in the Stellite 6 alloy, the carbide formation is hindered in the hypoeutectic microstructure, resulting in a relatively lower hardness and an improved toughness. However, investigations relating to the influence of these relative changes in the microstructure of Stellite 6, and also those relating to the changes by varying the manufacturing process from casting to HIPing, on the tribomechanical performance are limited in published literature. Both of these aspects are considered in the current investigation. This paper provides microstructural and tribomechanical comparisons of HIPed and cast Stellite 6 alloys via scanning electron microscopy ͑SEM͒, energy dispersive X-ray spectroscopy ͑EDS͒, X-ray diffractometry ͑XRD͒, hardness, impact toughness, contact fatigue, abrasive wear, and sliding wear evaluations.
Experimental Test Procedures
2.1 Materials and Microstructure. Table 1 summarizes the chemical compositions of both HIPed and cast Stellite 6 alloys. The HIPed alloy was produced by canning the gas-atomized powders at a temperature and pressure of 1200°C and 100 MPa, respectively, for 4 h in a HIPing vessel. The sieve analysis of these powders ͑+250 m ͑0.1 wt %͒, −250+ 180 m ͑9.3 wt %͒, −180+ 125 m ͑23.8 wt %͒, −125+ 45 m ͑50.3 wt %͒, and −45 m ͑16.4 wt %͒͒ indicated that 75 wt % of the powder particles were in the size range of 45-180 m. The cast alloy samples were produced via sand casting. Table 1 also shows the chemical composition of previously reported Stellite 20 alloys to aid the discussion, where the fractions of both tungsten and carbon were much higher. The microstructure of the powders and both alloys was observed via SEM using a back-scattered electron imaging ͑BEI͒ detector. The chemical compositions of different phases developed in the powders and alloys were determined via EDS and XRD with Cu-K ␣ radiation ͑wavelength= 1.5406 Å͒. Image analysis was also conducted to ascertain the area fractions of individual phases.
Hardness and Impact
Tests. The Vickers macro-and microhardness of both alloys were measured using a conventional Avery hardness tester under a load of 294 N and a Mitutoyo ͑MVK-H1͒ microhardness tester under a load of 2.94 N, respectively. Five macrohardness and ten microhardness measurements were conducted on each alloy. In order to investigate the microhardness of the individual phases in the microstructure, ten microhardness measurements under a low load ͑0.098 N͒ were also conducted on different microstructural phases of the cast alloy. The un-notched Charpy impact tests were conducted on alloy samples with dimensions of 10ϫ 10ϫ 55 mm 3 , using an Avery Charpy impact tester at an impact rate of 5 m/s. Three tests were conducted on each alloy.
Abrasive Wear
Tests. Dry sand rubber wheel ͑DSRW͒ abrasion tests ͑ASTM G65 standard ͑Procedure B͒͒ ͓22͔ were conducted to evaluate the abrasive wear performance of both alloys. During each test, the alloy sample with dimensions of 6 ϫ 25ϫ 75 mm 3 , was forced under a load of 130 N against the rubber wheel, which rotated at a speed of 200Ϯ 5 rpm. The outer polyurethane rim of the wheel had a diameter of 228.6 mm and a hardness of Shore A-60. Two types of silica sand particles were used as abrasives in this investigation. Both were dry and rounded, but they were different in size distribution. 85 wt % particles of Sand A had sizes in the range of 90-180 m. Sand B had a larger average particle size, with at least 85 wt % of particles having sizes between 150 m and 300 m. The silica sand was introduced between the alloy sample and the rubber wheel, with a sand flow rate of about 330 g/min. Each test lasted a total of 2000 revolutions, which was controlled by a revolution counter. Three tests were conducted on each material with Sand A and Sand B, respectively. The wear mass loss of the sample was weighed to the nearest 0.001 g. The abrasive wear test results were reported as volume loss, which were computed from the mass loss and density of the alloy.
Sliding Wear Tests.
The sliding wear resistance of both alloys was examined via two different test methods, i.e., selfmated pin-on-disk tests and ball-on-flat tests wearing against a WC-Co ball. Both tests were conducted at room temperature on a bench mounted wear test machine. The friction force was measured via a tension-compression load cell.
The self-mated pin-on-disk tests were conducted between a pin and a disk sample under a normal load of 25 N. The alloy pin sample had a diameter of 6 mm and a length of 19 mm. The alloy disk sample had a diameter of 31 mm and a thickness of 8 mm. The average surface roughness ͑R q ͒ of the disk samples was 0.1 m. This methodology was consistent with ASTM G133-02, Procedure A ͓23͔, except that the tip radius of the pin was 10 mm instead of 4.76 mm. During the test, the disk sample experienced a reciprocating sliding motion at an oscillating frequency of 5 Hz and a stroke length of 10 mm. The total sliding distance was 100 m for each test. Three tests were conducted on each alloy. The wear surfaces of the pin and the disk were measured via an interferometer ͑Zygo New View͒. The volume loss of the pin was computed from the scar diameter, and the volume loss of the disk was computed from the length of stroke and the average crosssectional area of the wear grooves.
The ball-on-flat tests were conducted using a WC-Co ball ͑93.5-94.5 wt % WC and 5.5-6.5 wt % Co͒ and an alloy disk sample under a normal load of 25 N. The ball radius was 6.35 mm. The disk sample had the same dimensions as those used in the pin-on-disk tests. During the test, the disk sample experienced a reciprocating sliding motion at an oscillating frequency of 1 Hz, with a stroke length of 10 mm. The total sliding distance was 500 m for each test. Three tests were conducted on each alloy. The wear volume loss of the disk sample was computed from the length of the stroke and the average cross-sectional area of the wear grooves, which was measured via the interferometer. 2.5 Rolling Contact Fatigue Tests. The rolling contact fatigue ͑RCF͒ tests were conducted on a modified four-ball machine, as illustrated in Fig. 1 , details of which can be appreciated from Stewart et al. ͓24͔ . In this configuration, three Si 3 N 4 ceramic balls with a diameter of 4.76 mm were equispaced at 120 deg using a polymer spacer and driven by a 31 mm diameter alloy disk sample. The rotary speed of the drive shaft was set at 5000 rpm during the test, and the contact load was varied to 30 N, 45 N, and 75 N. Exxon Turbo 2389 was used as the test lubricant. The value, which indicates the ratio of the minimum fluid film thickness to the average surface roughness, was approximated between 1.8 and 1.9, indicating that the tests were carried out under a mixed elastohydrodynamic lubrication ͑EHL͒ regime, i.e., partial asperity contact during the tests. The RCF failure was detected by the increase in the vibration amplitude of the cup assembly above a preset level. Figures 2 and 3 provide the SEM and XRD comparison of the cast and HIPed alloys. Figure 2͑a͒ shows the SEM of the dendritic microstructure on the spherical surface of the gas-atomized powder. Figure 2͑b͒ and 2͑c͒ show the hypoeutectic microstructure of the cast alloy, which consists of Cr-rich carbides ͑dark phase͒, W-rich carbides ͑bright phase͒, and the Co-rich dendritic matrix ͑gray region͒. Figure 2͑d͒ shows the SEM observation of the HIPed alloy, with finer carbides ͑dark phase͒ uniformly distributed in a Co-rich matrix ͑gray region͒. The image analysis results of the area fractions of various phases are presented in Table 2 . Previously reported ͓20͔ image analysis results for Stellite 20 alloys are also presented in this table to aid the discussion.
Results

Microstructure and Phase Analysis.
3.2 Hardness and Impact Toughness. Table 3 summarizes the average hardness and Charpy impact energy results of Stellite 6 alloys. The HIPed alloy had a slightly higher hardness than the cast alloy. The Cr-rich carbides in the cast alloy ͑dark phase in Fig. 2͑c͒͒ had a much higher average microhardness than the Corich matrix ͑gray region in Fig. 2͑c͒͒ . The Charpy impact energy of the HIPed alloy was almost an order of magnitude higher than the cast alloy. The fractographs of failed areas after the Charpy Table 3 for comparison.
3.3 Abrasive Wear Performance. The average abrasive wear volume loss of both alloys after the DSRW tests is shown in Fig.  5 . Both alloys had a slightly higher wear loss when finer sand ͑Sand A͒ was used. The HIPed alloy had a slightly lower wear loss than the cast alloy for both types of sand used in this investigation. Figure 6 presents the typical wear scars of both alloys after the tests.
3.4 Pin-On-Disk Wear Performance. The volume loss results of both alloys after the pin-on-disk tests are shown in Fig. 7 . The wear loss of the cast pin was lower than that of the HIPed pin. The cast disk, however, suffered more wear loss, which resulted in a similar total wear loss of both alloys. Figures 8͑a͒-8͑d͒ shows typical wear scars on the surface of pins and disks. The average friction coefficient during the tests on cast and HIPed alloys was 0.42 and 0.47, respectively. The observations of the wear scars indicated that both the cast and the HIPed pins were worn flat after the test, while the cast disk had a deeper wear groove than the HIPed disk. Wear debris produced after the tests was a mixture of a platelike delamination and finer ͑crushed͒ debris.
3.5 Ball-On-Flat Wear Performance. The wear volume loss results after ball-on-flat tests are also presented in Fig. 7 . The average volume loss of the HIPed alloy was more than that of the cast alloy. The SEM observations of the wear surfaces of both alloys are shown in Figs. 8͑e͒ and 8͑f͒. The wear grooves of the HIPed alloy were wider and deeper than those of the cast alloy. Although it was difficult to take a precise measurement of the ball material loss, the observations on the ball surface indicated that there was some material removal on the surface of the WC-Co ball wearing against the cast disk, while the WC-Co ball wearing against the HIPed disk was almost unworn. Therefore the total volume loss of the test couples could be similar for both alloys. The average friction coefficient during the tests was approximately 0.59 for both alloys. Platelike debris fragments with a relatively large aspect ratio were observed after the test.
Rolling Contact Fatigue Performance.
The RCF test results are shown in Fig. 9 . This figure also summarizes the previously reported RCF performance results of cast and HIPed Stellite 20 alloys to aid the discussion ͓20͔. The stress cycles to fatigue failure for the HIPed alloy were higher than those of the cast alloy under a range of stress levels considered in this investigation. Figure 10 presents the observations of the failed areas. Cast alloy failed by delamination at an approximate depth of 32-70 m, whereas the HIPed alloy failed by spalling at an approximate depth of 35-45 m. Table 4 summarizes the contact parameters 
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Transactions of the ASME during the tests. The depths of the orthogonal shear stress, Z orth͑max͒ , and maximum shear stress, Z ͑max͒ , are given by the following equations ͓25͔:
where a is the radius of the contact area, which is given by the Hertzian point contact equation ͓26͔
where w is the normal load, r is the radius of the ceramic ball, and E ‫ء‬ is the combined Young's modulus, which depends on Young's modulus and Poisson's ratio of the ceramic ball and CoCr28W alloy. The maximum contact stress, P 0 , is given by the following equation:
4 Discussion 4.1 Microstructure. The cast CoCr28W alloy had a hypoeutectic microstructure ͑Figs. 2͑b͒ and 2͑c͒͒, which consists of Corich dendrites ͑gray region͒, set in lamellar eutectic Cr-rich ͑dark phase͒ and W-rich ͑bright phase͒ carbides. The Cr-rich eutectic carbide had a composition of ͑Cr 0.71 Co 0.25 W 0.03 Fe 0.005 ͒ 7 C 3 , as approximated by the EDS analysis. The XRD analysis ͑Fig. 3͑c͒͒ revealed that the carbides were Cr 7 C 3 and Co 6 W 6 C, while ␣-Co ͑fcc͒ was the primary phase in the solid solution, together with the intermetallic compounds, Co 3 W and Co 7 W 6 . This dendritic microstructure is typical of the cast CoCr28W alloy in which the carbide and grain size can be controlled by the rate of cooling. Within the family of cast cobalt-based alloys, the relatively large carbide size seen in the cast microstructure indicated slow freezing during the casting process. The microstructure of cast Stellite 6 alloys was a topic of research for a number of investigations and further details of the influence of the cooling rate on the grain size of cast cobalt-based alloys can be appreciated elsewhere ͓13͔. The scope of the discussion here is therefore its microstructural comparison with the HIPed counterpart in terms of understanding the structure-property relationships during tribomechanical performance.
The HIPed alloy had a much finer microstructure ͑Fig. 2͑d͒͒ with Cr-rich carbides ͑dark phase͒ uniformly distributed in the matrix. The typical carbide size was 1 -3 m, which was much finer than the cast counterpart. There was no bright ͑W-rich͒ phase observed in the HIPed microstructure, which could be attributed to the fast solidification in the powder manufacturing process, restricting the segregation of W-rich zones. Subsequently during HIPing of the powder, tungsten remained evenly distributed throughout the alloy because its large atomic radius hinders diffusion. This evolution of the HIPed microstructure was therefore fundamentally different from the dendritic microstructure of the cast alloy, which was caused by the rejection of elemental species in the melt during the crystal growth of Co-rich dendrites. Hence above the liquidus line of this complex Co alloy, elemental species were free to arrange themselves depending on the thermal kinetics of the mold without any dependency on diffusion, and hence a truly three-dimensional network of carbides was formed.
Contrary to this, in the case of HIPed microstructure, the primary dendrites formed on the alloy powder ͑Fig. 2͑a͒͒, and the carbides in the powder particles ͑Fig. 3͑a͒͒ promoted carbide growth due to the diffusion of carbon and other elemental species within and across the individual powder particle boundaries. As this diffusion process is time, temperature, and pressure dependent during HIPing, and the HIPing temperature ͑1200°C in this investigation͒ was lower than the melting point of the powder, carbide growth was sluggish when compared with casting. Hence the size of individual carbide particles was much smaller than the cast counterpart. Although not reported in Sec. 3, authors also found that re-HIPing the HIPed alloy under similar conditions as were reported earlier in Sec. 2.1 did not substantially increase the average carbide size, indicating that carbide growth was more dependent on temperature than time during the HIPing process. The XRD analysis ͑Fig. 3͑b͒͒ revealed that the possible phases in the HIPed alloy were Cr 7 C 3 , ␣-Co, Co 3 W, and Co 7 W 6 , which were similar to those in the cast alloy, except the absence of Co 6 W 6 C. The intermetallic compound, Co 7 W 6 , was not identified in the atomized powder, indicating that it was formed during the HIPing process. The pure Cr phase in the powder, which formed due to the rapid solidification, was not identified in the HIPed alloy, indicating that it either combined with the cobalt matrix, or formed carbides.
The image analysis ͑Table 2͒ showed that the cast alloy had an approximate total carbide fraction of 15.5%, which was slightly less than that of the HIPed alloy ͑17.9%͒. These values indicated on average a 63% reduction in the carbide content when compared with the Stellite 20 alloy, which can be attributed to the lower carbon and tungsten content in the Stellite 6 alloys. These differences in the microstructure, carbide content, and morphology had a significant influence on the tribomechanical performance, as discussed in the following sections.
Hardness.
In comparison to the Stellite 20 alloy, the hardness of Stellite 6 alloy ͑Table 3͒ was relatively lower due to its lower carbide content ͑Table 2͒. It is widely accepted that the contents of carbon and tungsten play a dominant role in the hardness of cobalt-based alloys. Both the formation of hard carbides and solid solution strengthening by tungsten can enhance the hardness of cobalt-based alloys ͓27-29͔. For the Stellite 6 alloys considered in this investigation, the M 7 C 3 and Co 6 W 6 C carbides, as well as the intermetallic compounds Co 3 W and Co 7 W 6 , were all beneficial to their hardness. As there were small differences between the chemical compositions of the cast and HIPed Stellite 6 alloys, especially the contents of tungsten and carbon, both alloys had similar hardness at micro or macro levels. The HIPed alloy, however, was marginally harder than the cast alloy, mainly due to its slightly higher fraction of carbides ͑Table 2͒. Previous investigations have indicated that the differences in microstructure might also affect the hardness of cobalt-based alloys ͓3,30͔. In this investigation, both alloys had quite different microstructures, especially the shape, size, and distribution of the carbides. However, their hardness was similar. In comparison to the hardness results of the Stellite 20 alloy, the average hardness was reduced by 41% due to the reduction in carbon and tungsten content in the Stellite 6 alloy. Hence, it can be appreciated that instead of the manufacturing route, the contents of tungsten and carbon had a more significant influence on the average hardness of these alloys.
It was difficult to measure the individual hardness of the matrix and carbide phases in the HIPed alloy using the Vickers microhardness method even at the lower load of 0.098N, as the indentation diagonal length was typically 7 m, which was larger than the carbide size ͑1-3 m, Fig. 2͑d͒͒ and the spaces between them ͑4-7 m͒. However the relatively coarser carbide size ͑5-20 m͒ in the cast alloy made it possible to measure the microhardness of individual phases. The experimentally measured matrix and carbide hardness in the cast alloy were HV325.5Ϯ 39.3 and HV1198.8Ϯ 289.2 ͑Table 3͒, respectively. The hardness of individual phases, together with their respective fractions of 84.5% and 15.5% ͑Table 2͒, could be used to approximate an average hardness of HV461. This assessment methodology based on the area fraction of constituents in multiphase alloys is consistent with the property evaluation, as indicated by Ghar ͓31͔. Similar techniques, based on the inverse relationship between the volume fraction and the property of the cobalt-based alloy, could also be applied to evaluate the hardness, indicating an approximate hardness of HV367. However, the experimental result ͑HV402.6Ϯ 21.0͒ was close to the average of these two evaluations ͑HV414͒ rather than any of them, indicating a complex relationship between the area fraction and hardness of individual phases in these alloys.
Charpy Impact Energy.
The Charpy impact energy absorption represents the impact toughness of the material under dynamic condition. Although most cobalt-based hard alloys have a high strength, with a typical ultimate tensile strength ͑UTS͒ of 766-897 MPa ͓29͔ and 1265-1375 MPa ͓27͔ for the cast and HIPed alloys, respectively, the toughness of the cast alloy is usually much lower than the HIPed alloy due to the brittle eutectic Transactions of the ASME microstructure of the cast alloy, which results in elongation values generally less than 1% ͓27,29͔. The impact toughness results summarized in Table 3 indicate an order of magnitude improvement for the HIPed alloy. This improvement is consistent with the previously reported results of the HIPed 20 alloy, with the exception that the overall impact toughness of the Stellite 20 alloy ͑cast Stellite 20 impact toughness= 1.36 J and HIPed Stellite 20 impact toughness= 9.26͒ was significantly lower than that of the Stellite 6 alloy. Similarly, there was an order of magnitude improvement ͑from 9 J to 109 J͒ in the impact toughness of the HIPed Stellite 6 alloy, when compared with the HIPed Stellite 20 alloy. This difference in behavior between HIPed Stellite 6 and 20 alloys is attributed to the absence of W-rich carbides and the lower carbide content in the HIPed Stellite 6 alloy. In terms of the design process, an order of magnitude improvement in the impact toughness indicates substantial expected gains in the fatigue performance of the Stellite 6 alloy. However, as discussed in Sec. 4.7, it was a combination of factors, such as hardness, carbide content, and impact resistance, which dictated the fatigue performance of these alloys, which was governed not only by the manufacturing processing route but also by the content of alloying elements. During the impact test, a brittle fracture initiated along and within the coarse carbides in the cast Stellite 6 alloy, followed by rapid crack propagation, as indicated by a number of micro-and macrocracks observed in Fig. 4͑a͒ . Although some bright ͑W-rich͒ carbides are also visible in Fig. 4͑a͒ , most cracks followed the eutectic network of Cr-rich carbides. The SEM observations ͑Fig. 4͑b͒͒ indicated that the fracture within the carbide particles of the HIPed alloy was not appreciable. The cracks followed the carbide/ matrix boundaries and the powder particle boundaries, as indicated in Fig. 4͑b͒ . A typical powder particle size of approximately 80 m can be inferred from Fig. 4͑b͒ , which is consistent with the sieve analysis of the powder ͑Sec. 2.1͒. Hence, the particle powder boundary was the preferred propagation route for the microcracks, which initiated at the carbide/matrix boundaries in the HIPed alloy. Although no appreciable porosity was observed in the HIPed alloy, indicating a full compaction during the HIPing process, the powder particle boundary route of cracks indicates that further optimization of HIPing conditions to provide better bonding between the powder particles could further improve the impact toughness of the HIPed alloys. The finer microstructure along with the matrix ductility provided the crack arrest mechanism for the HIPed alloy. As the fine carbides in the HIPed alloy were well separated by the Co-rich matrix, crack propagation in the matrix was hindered due to matrix ductility and solid solution strengthening, thereby improving the impact resistance of the HIPed alloy. Contrary to this, although the matrix in the cast alloy had similar composition, and hence was expected to provide similar assistance for the crack arrest mechanism, the preferred propagation route was within the large eutectic carbide net rather than the carbide/matrix boundary or through the matrix. Therefore once cracks initiated in the cast alloy, they readily propagated to form macrocracks following the eutectic net, with little resistance from the matrix.
In terms of the tribological design process, the fracture mechanics approach based on fracture toughness ͑K 1C ͒ is more quantitative than the use of impact toughness ͑based on the Charpy or similar impact tests͒ values to characterize the wear process. Nevertheless, Charpy impact tests provide useful and unique information about the impact energy at high strain rates. Several authors have thus attempted to correlate the Charpy impact test results with the fracture toughness values for a number of engineering materials ͓32-39͔. These investigations have indicated that such correlations are however not general, but relate to a family or families of alloys, and are best applied to the prediction of lowerbound values ͓32-34͔. Such relations are more common in ductile materials, which show ductile to brittle transition, e.g., high and low strength steels ͓35,36͔, turbine rotors ͓37͔, and weld alloys ͓38,39͔. Attempts were also made to correlate such relations in composite alloys ͑e.g.,WC-6 wt %Co͒ ͓40͔. However, no such correlation exists in published literature for the cobalt-based alloys, and furthermore this investigation related to un-notched samples instead of the commonly used V-notched samples. Therefore only qualitative comparisons are possible, indicating that the Transactions of the ASME increase in fracture toughness generally results in the increase in impact energy ͓34͔. For qualitative purposes, an increase in the un-notched impact energy of almost an order of magnitude ͑Table 3͒ in the HIPed alloy will substantially increase its fracture toughness, which can have significant influence on the wear ͑abrasive, sliding, and fatigue͒ resistance and underpinning failure mechanisms.
Abrasive Wear Performance.
The abrasive wear of engineering material is generally known to vary inversely with its hardness if the abrasive wear is caused by plastic deformation, whereas if abrasive wear occurs due to brittle fracture, the wear loss is usually higher and has an inverse correlation with some power of material's toughness ͓26͔. Previous investigations have indicated that for low stress abrasive wear resistance, e.g., tests conducted via ASTM G65 ͑Procedure B͒, the wear resistance of the cast and welded cobalt-based alloys depend on the carbide size and abrasive particle properties, e.g., its type ͑silica sand ͑quartz͒ and alumina͒, size, shape, and hardness. Generally the wear resistance increases with carbide coarsening ͓10,15͔, decreasing abrasive particle size ͓10,14͔, and decreasing abrasive hardness ͓14͔. These investigations have indicated that changes in failure mechanisms are responsible for the differences in the abrasive wear performance, e.g., micromachining dominates the abrasive wear process for relatively harder abrasive particles ͑alumina͒ ͓14,15͔, whereas carbide fracture is the dominant wear mechanism with relatively softer abrasives ͑silica͒. Furthermore, it was indicated that the cast alloy hardness can be used as a crude measure of abrasive wear resistance in a low stress abrasive wear process, whereas for the high stress abrasive wear process ͑e.g., via ASTM B611͒, both hardness and fracture toughness become critical.
Although both the cast and the HIPed Stellite 6 alloys showed similar abrasive wear resistance in this comparative investigation, their dominant wear mechanisms were different. Figure 6͑a͒ shows cracks on the carbide grains, and abrasive marks and pits in the matrix region, indicating that the abrasive wear of the cast alloy involved both the brittle fracture of carbides and the microcutting of the matrix. The angularities of the abrasive sand particles could result in a high normal load on the eutectic carbide grains. If the normal load was high enough to exceed a critical value, w ‫ء‬ , cracks would form ͓26͔. The onset of cracks depend on the fracture toughness of the alloy, K IC , and on its hardness, H.
However brittle fracture on the coarse carbides did not account for a large amount of material removal in the cast alloy because the carbides were interlocked in the matrix even after they fractured ͑Fig. 6͑a͒͒, which was attributed to the three-dimensional morphology of the carbides. The coarse microstructure of the cast alloy offered relatively large spaces between the carbides, where silica sand of small size could enter and plough. The sharp angularities of the sand particles could result in the material removal by microcutting. The fragments of the broken carbides due to the brittle fracture could also work as new abrasives, as indicated by the abrasive marks leading from the fragmented carbides ͑Fig. 6͑a͒͒. The pits on the matrix also illustrated denting by small sand particles or angularities, which could initiate fatigue cracks. All of these factors contributed to the material removal of the cast alloy. For the HIPed alloy, brittle fracture of the carbides was not appreciated from the observation of the worn surface ͑Fig. 6͑b͒͒, whereas ploughing was the main wear mechanism, as indicated by the abrasive marks in Fig. 6͑b͒ . The carbides were seen protruding from the matrix, indicating the preferential wear of the matrix, prior to the carbide pullout. The carbides in the HIPed alloy were too small to withstand ploughing due to their two-dimensional structures, as opposed to the three-dimensional eutectic net in the cast counterpart. The mechanism was similar to that previously reported ͓15͔, where carbide pullout and pit formation were the dominant wear mechanisms in fine carbide alloys. The carbide morphology therefore significantly influenced the abrasive wear mechanisms, i.e., the brittle fracture on the carbides of the cast alloy and carbide pullout in the HIPed alloy. Two factors were responsible for the low tendency of carbides to fracture in the HIPed alloy: ͑1͒ the higher critical load for the onset of cracks, w ‫ء‬ , and ͑2͒ the lower normal load on a single carbide grain. As discussed earlier in Sec. 4.3, the impact energy of the HIPed alloy was almost an order of magnitude higher than that of the cast alloy, which generally indicated a much higher fracture toughness, K 1C , of the HIPed alloy, compared with its cast counterpart. Even if both alloys had a similar fracture or impact toughness, the cast alloy had a higher tendency to fracture due to the loading on its carbides. As both alloys had similar hardness, the critical load for the onset of cracks, w ‫ء‬ , ͑Eq. ͑5͒͒ in the HIPed alloy, was higher than that of the cast alloy. Due to the finer microstructure of the HIPed alloy, the contact load applied by individual sand particles was shared between a number of carbides and the matrix. This can be understood from a simple calculation of the contact area ͑2a, Eq. ͑3͒͒ formed at the interface of sand particles and alloy. As the sand particles were rounded, for an approximate calculation they can be modeled as spheres of 150 m diameter ͑2r͒. Although it is almost impossible to know the exact number of sand particles, and the load shared by each of them within the contact region at a given time, a conservative approach can be adapted to assume that the loading ͑w͒ on a given sand particle, responsible for carbide cracking, can be of the order of 1% ͑1.3 N͒ of the total normal load ͑130 N͒ during the DSRW test. Based on this model, the contact diameter ͑2a͒ calculated from the Hertzian equation ͑Eq. ͑3͒͒ of elastic loading can be approximated as Ն20 m. This area will grow further with the increase in sand particle diameter, increase in loading of individual particles, plasticity effects, frictional effects, and roll/slide ratio. Contact area of this dimension, based on a conservative model, therefore indicates that the contact diameter was an order of magnitude bigger than the carbide size ͑approximately 1-3 m͒ in the HIPed alloy. Hence individual carbide particles were only subjected to a small fraction of the total load on a given sand particle. Contrary to this, individual large blocky carbides in the cast alloy had to sustain a much higher contact load, as the entire contact area ͑2a Ն 20 m͒ could be located on a single carbide particle ͑5-20 m͒. Therefore there was a much higher probability that the loading resulting from such contact conditions on an individual carbide particle could exceed the critical value w ‫ء‬ and result in the brittle fracture of the cast alloy.
The magnitude of contact stress approximated from Eq. ͑4͒ for this simplified model can be estimated to give a typical contact stress of approximately 5 GPa, which is high enough to fracture a carbide grain. However, despite significant fracture of carbides in the cast alloy, its abrasive wear performance was only slightly inferior to the HIPed alloy. This was because despite being fractured, some fragments of carbide remained interlocked within the matrix of the cast alloy due to the three-dimensional eutectic net. This prevented these fragments of cracked carbides from being pulled out, and hence did not contribute to the volume loss. However in the HIPed alloy, once the matrix was abraded by the abrasive sand particles, the carbides were easily pulled out due to their two-dimensional structure.
Results of this investigation also indicate that the wear volume loss marginally increased with decreasing particle size of the silica sand ͑Fig. 5͒. This was because the finer abrasive particles could enter and plough the matrix region more easily and result in more material removal. In this investigation, Sand A was slightly larger or similar in size to most of the coarse carbides in the cast alloy, whereas Sand B was generally larger than those carbides. Hence even smaller sand particles, than the ones considered in this investigation, can further elaborate the differences in the wear mechanisms of the cast and HIPed alloys.
4.5 Pin-On-Disk Wear Performance. In the self-mated pinon-disk tests on the cast alloys, the matrix on both the pin and the disk samples was worn preferentially. The remaining protruding carbides on the worn surface acted as asperities, and the contacts between them led to the removal of material. The wear mechanisms involved carbide ploughing on the matrix and brittle fracture of the carbides, as indicated by the abrasive grooves and the cracks on the carbides shown in Figs. 8͑a͒ and 8͑b͒. A number of grooves were observed on the wear scars of the HIPed pin and disk samples ͑Figs. 8͑c͒ and 8͑d͒͒, indicating that ploughing was the main wear mechanism. The width and depth of some grooves was such that a number of carbides were ploughed away together with the matrix. Some small pits could also be observed on the worn surface due to carbide pulled out. The wear debris collected after the tests for both alloys were finer than the typical grooves observed in Figs. 8͑a͒ and 8͑c͒, indicating that they spent some time in the contact region.
Although the total volume loss of both alloys was similar, the cast disk suffered more volume loss than the HIPed disk, while the cast pin suffered less wear than the HIPed pin. This can be attributed to the three-dimensional structure of the coarse carbides in the cast alloy. The observation on the worn surface ͑Fig. 8͑a͒͒ showed that the debris were interlocked on the cast pin, as the abrasive grooves were terminated by the coarse carbides and did not run the entire length of the pin surface. Hence the debris embedded on the cast pin shared the load, which reduced the pin wear, while the debris in the contact region resulted in three-body abrasion behavior, which significantly increased the wear of disk material. Contrary to this, the grooves on the HIPed pin and disk ͑Figs. 8͑c͒ and 8͑d͒͒ ran almost the entire length of the wear scar, where debris could roll/slide easily within these grooves. Carbide embedding in the pin material was therefore not significant in the HIPed alloy, hence there was no preference in the wear of either the disk or pin for the HIPed alloy.
4.6 Ball-On-Flat Wear Performance. In the sliding wear tests against the WC-Co ball, the cast alloy disk showed better wear resistance than the HIPed alloy, which was attributed to the coarse microstructure of the cast alloy. During the tests, the hard WC-Co ball could plough through the alloy sample. The matrix was worn preferentially, and cracks initiated and propagated on the carbides after cyclic loading. As discussed earlier, the carbides in the cast alloy were coarse and interlocked in the matrix. Even after a carbide fractured, it could still be retained in the matrix due to the three-dimensional eutectic net in the cast alloy, as indicated in Fig. 8͑e͒ . Therefore the carbides in the cast alloy resisted ploughing and reduced wear loss. However for the HIPed alloy, the fine carbides could not withstand ploughing, as indicated by the grooves on the worn surface ͑Fig. 8͑f͒͒. These grooves were so wide that a number of carbides could be ploughed away together with the matrix in a single groove and formed plate-like debris.
The WC-Co ball also had of a number of carbides in its microstructure. These carbides were much smaller ͑typically 2 m, manufacturer's data͒ than the carbides in the cast alloy, resulting in the appreciable wear of the WC-Co ball. However, the carbides in the HIPed alloy were similar in size to those in the WC-Co ball, resulting in negligible wear of the WC-Co ball. The cast alloy had much bigger carbides than the WC-Co ball material, which resulted in the appreciable wear of the WC-Co ball when compared with the HIPed counterpart. Although this ball wear was nonuniform and could not be quantified, the higher volume loss of the ball wearing against the cast alloy should ultimately reduce the difference in the total wear loss of the test couples ͑Fig. 7͒ for both alloys. The trend of this relative wear performance and underpinning wear mechanisms was similar to that observed for Stellite 20 alloys ͓20͔.
4.7 Contact Fatigue Performance. RCF tests provide an evaluation of the impact and fatigue behavior of the material under high strain rates and under high stress ͑Hertzian͒ contact conditions. The relative velocity during loading and unloading was of the order of 6 m/s which was higher than the Charpy impact tests ͑4 m/s͒, whereas the stress distribution was Hertzian in the RCF tests. The contact fatigue tests used in the current investigation served two main purposes. First, the failure modes generally seen in these tests, e.g., micro-and/or macropitting, spalling, delamination, etc. ͓25,41͔, are similar to those observed in most of the tribological applications of engineering alloys, as these failures rely on the localized stress distribution to initiate and propagate fatigue cracks due to imperfections in the material's microstructure. Second, the high stress and high strain rate during these tests provide some insights about their impact behavior. Various theories were presented in published literature to understand these underpinning failure mechanisms ͓25,41-44͔. The most common theories rely on the depth of either the maximum ͑Eq. ͑2͒͒ or orthogonal ͑Eq. ͑1͒͒ shear stress for subsurface failures, or on the maximum tensile stress at the edge of contact region for surface initiated failures, as represented in Fig. 11 .
The SEM investigations of the wear tracks indicated that generally the cast alloy failed via delamination, whereas the failure mode for the HIPed counterpart was spalling ͑Fig. 10͒. This difference in failure mode is not consistent to what was observed for the Stellite 20 alloys ͓20͔, where spalling and surface distress were observed for the cast and HIPed alloys, respectively. Surface initiated failure, which generally occurred in the very near surface region of brittle materials, was not responsible for spalling or delamination of Stellite 6 alloys, as the depths of failure for these alloys were either near or deeper than the depth of maximum shear stress ͑Table 4͒. Hence cracks initiated in the subsurface region, either due to alloy imperfections or due to cyclic loading during fatigue testing, and grew in the subsurface to longer Transactions of the ASME lengths before changing their direction toward the surface. Similar to the crack propagation mechanisms discussed earlier in Secs. 4.3 and 4.4, the fatigue cracks in the HIPed alloy propagated through the metal matrix and at the carbide/matrix boundary, which resisted crack propagation, whereas in the cast alloy the fatigue cracks propagated along the three-dimensional eutectic net, which provided a relatively easy propagation route. Hence the finer microstructure of the HIPed alloy resulted in an improved contact fatigue performance than its cast counterpart. The widths of the wear tracks ͑typically 600 m͒ were greater than the computed contact widths ͑Eq. ͑3͒, Table 4͒ , which could be attributed to the plastic deformation, rolling wear, and the influence of material shakedown during the first few cycles of testing ͓45,46͔. In comparison to the previously reported investigation of Stellite 20 alloys ͓20͔, it is worth noting that the relative performance of the HIPed Stellite 20 alloy was superior to that of Stellite 6 alloys. It is also worth appreciating that the maximum contact stress for the RCF test with Stellite 6 alloys varied between 1.9 GPa and 2.7 GPa, whereas this stress level was higher ͑3.1-3.6 GPa͒ for the Stellite 20 alloys, indicating that for similar stress levels Stellite 20 would perform considerably superior when compared with the Stellite 6 alloy. This reduction in fatigue performance is not consistent with the order of magnitude increase in toughness observed in the Stellite 6 alloy ͑Table 3͒. Hence, in comparing the RCF performance and failure modes of HIPed Stellite 6 and 20 alloys, a reduction in hardness and carbide fraction of 41% and 63%, respectively, had a more detrimental effect than the expected improvement on the basis of order of magnitude increase in the impact toughness. The rationale behind this difference in the expected trend is attributed to the higher hardness and carbide fraction of HIPed Stellite 20 alloy, which helps support the contact load, and also modifies the material's shakedown behavior ͓46͔. This is consistent with previous investigations where a reduction in hardness ͑or softening͒ of the contact pair is shown to influence the RCF performance of the bearing steels ͓25͔. Hence a complex interdependency of hardness, toughness, carbide fraction, and carbide morphology dictates the RCF performance and failure modes of these alloys, and indications on the basis of impact resistance performance alone may not translate directly to the improvement in fatigue performance. HIPed Stellite 20 is more suitable for even higher stress levels of loading ͑Ͼ3 GPa͒ than the HIPed Stellite 6 alloy ͑Յ2 GPa͒. These stress levels are however much higher than those sustainable by the cast alloys. These results indicated that Stellite 6 alloys could substantially benefit from the HIPing process in terms of impact and fatigue performance, without sacrificing their hardness, abrasive, and sliding wear resistance. However, its fatigue performance was lower than that of the HIPed Stellite 20 alloy.
Conclusions
This investigation considered the structure-property relationships and tribomechanical evaluations of Stellite 6 alloys produced by two different manufacturing processes of HIPing and casting. The results of this investigation indicated that changing the manufacturing process to HIPing can make Stellite 6 alloys suitable for high stress applications. Similarly, variations in alloying elements also had considerable influence on the tribomechanical properties of these cobalt-based alloys. The specific conclusions can be summarized as follows.
͑1͒
The impact toughness and the contact fatigue performance of the HIPed alloy were significantly higher than that of the cast alloy. The improvement in the impact toughness and fatigue resistance of the HIPed alloy was attributed to its relatively finer microstructure, which arrested crack propagation. ͑2͒ In comparison to the HIPed Stellite 20 alloys, although there was an order of magnitude improvement in the impact toughness of the HIPed Stellite 6 alloy, the fatigue performance was lower than that of the HIPed Stellite 20 alloy. Hence a complex interdependency of hardness, toughness, carbide content, and morphology dictate RCF performance, and expected performance gains on the basis of impact resistance performance alone may not translate directly to an improvement in RCF performance. ͑3͒ The cast and HIPed Stellite 6 alloys showed similar average hardness, which was 41% lower than that of Stellite 20 alloy. The abrasive and sliding wear resistance of both HIPed and cast Stellite 6 alloys were also similar. Brittle fracture of the carbides and ploughing of the matrix were the main wear mechanisms for the cast alloy, whereas for the HIPed alloy, ploughing and carbide pullout were the dominant wear mechanisms. This was consistent with what was previously observed for Stellite 20 alloys. ͑4͒ The HIPed Stellite 6 alloy had a much finer microstructure than the cast alloy, which showed a hypoeutectic microstructure. The microstructural phases, i.e., ␣-cobalt, M 7 C 3 , Co 3 W, and Co 7 W 6 , were identified in both alloys, while Co 6 W 6 C was identified only in the cast alloy. ͑5͒ The main fatigue failure mode was delamination for the cast and spalling for the HIPed Stellite 6 alloy. This difference in the failure mode was attributed to the differences in the microstructure of the two alloys.
